An alloy design concept leading to an improved ridging resistance in the transformable ferritic stainless steels is introduced. It is based on achieving a small c-phase fraction at the ingot soaking temperature. The c-phase fraction is then increased to a maximum value during the early stages of hot rolling. The nucleation of c-phase islands in the ferritic matrix increases the fraction of transformed ferrite. The multiplicity of crystallographic orientations resulting from the afic and cfia transformations leads to a pronounced weakening of the as-cast texture and an increased ridging resistance.
I. INTRODUCTION
BECAUSE of their low Ni content, ferritic stainless steels offer a cost-effective alternative to high-Ni austenitic stainless steels. However, the forming of ferritic stainless steel sheets is associated with a wellknown surface irregularity usually referred to as ridging or roping. Ridging is manifested in the form of surface corrugations that are, independent of the direction of straining, parallel to the rolling direction (RD) of sheets. These ridges have an amplitude in the range of 20-50 lm. [1] The ridges become noticeable after deep drawing operations. In the most generally accepted explanation for their occurrence, the ridges are related to nonhomogenous flow during cold rolling and subsequent sheet-forming operations. [1] [2] [3] [4] [5] This nonhomogenous flow is attributed to the presence of arrays of grain colonies lying parallel to the RD and usually possessing a-fiber orientations, i.e., h110i//RD, which are embedded in a matrix with different crystal plasticity properties. The matrix grains have a c-fiber texture orientation, i.e., h111i//normal direction (ND). The orientation dependence of through-thickness strains is the principal reason for the occurrence of ridging. The original models of Chao, [6] Wright, [7] and Takechi et al. [8] paved the way for the more recent studies of ridging. [1, 3, 4, 9] Most models try to capture the experimental observations such as the midthickness plane asymmetry of the surface profile after ridging. Furthermore, the ever increasing versatility of the electron backscattering diffraction (EBSD) technique has made it possible to incorporate the measured orientation data of many individual grains into the models. [9] The grain colonies responsible for ridging are now believed to originate from the as-cast columnar grains with {001}huv0i orientations, which persist even after numerous processing steps. [1, 2, 5] Countermeasures against ridging in ferritic stainless steels attempt to eliminate or reduce the volume fraction of these undesirable grain colonies. Hitherto proposed methods are the refinement of the solidification microstructure via electromagnetic stirring, [10] the rolling of merely equiaxed grains by trimming out the columnar zone of the as-cast structure, [1, 5] the cold rolling of a¢ martensite, [11] the double-step cold rolling with an intermediate anneal, [12, 13] cross rolling, [14] and unlubricated hot rolling. [15] The elimination of annealing after hot rolling of ferritic stainless steels has been found to deteriorate the ridging resistance in the case of nontransformable ferritic stainless steels. [13] In the case of transformable grades, however, this procedure has been shown to result in weakly textured sheets with an improved ridging resistance. [5] Numerous modeling attempts have been made to correlate the texture and the ridging severity of ferritic stainless steel sheet. Although these models contributed to a better understanding of the ridging mechanism, they remain qualitative and do not provide practical guidelines to alleviate ridging. The experimental assessment of the effect of composition on the microstructural evolution, and eventually the ridging height, needs to be explored even more. The current work introduces an alloy design concept associated with superior ridging characteristics in an AISI 430 ferritic stainless steel.
II. EXPERIMENTAL PROCEDURE
The chemical composition of the three variants of the AISI 430 ferritic stainless steel used in the current study is shown in Table I .
The three variants will be referred to as A, B, and C throughout the article. The main difference is the interstitials and Al content. Steels A and B are almost Al free, with steel B having a slightly higher concentration of interstitials. Steel C contains the highest interstitials concentration and enough Al to, under favorable conditions, stabilize N by AlN precipitation fully.
Hot-rolled strips with a thickness of 3 mm were used as the feedstock for the cold-rolling operations. They were obtained by laboratory hot-rolling simulation of 200 mm thick ingots. Sheets with an identical final thickness of approximately 0.6 mm were obtained after processing of hot-rolled strip according to the two processing routes denoted HCA (hot rolled, cold rolled, and annealed) and HACA (hot rolled, annealed, cold rolled, and annealed), shown schematically in Figure 1 . In the HACA route, hot-rolled strips were homogenization annealed prior to cold rolling, and recrystallization was annealed at 1093 K (820°C) after cold rolling. In the HCA route, the hot-rolled strips were cold rolled directly and homogenization annealing at 1093 K (820°C) for 5 hours followed. Figure 1 also shows schematically the evolution, during hot rolling, of the c-phase fraction under equilibrium and nonequilibrium conditions. For a typical AISI 430 composition, equilibrium predicts absence of the c-phase at temperatures below approximately 1123 K (850°C). In practice, nonequilibrium conditions prevail and the c-phase present during hot rolling partially decomposes to a-phase and carbides in the temperature range of 873 K to 1073 K (600°C to 800°C), where the decomposition rate is high, and the remaining c-phase undergoes a martensitic transformation below the M s temperature. Therefore, the c-phase transformation products consist of transformed a-phase, a¢ martensite, and carbides.
The microstructure of the hot-rolled strip was investigated in a JEOL JEM-2100F FEG-scanning transmission electron microscope (STEM) (JEOL, Tokyo, Japan), operated at 200 kV. TEM foils were prepared by mechanical polishing down to a thickness of 70 lm, followed by twin-jet polishing at a temperature of 288 K (15°C), using a jet polishing voltage of 30 V and a current of 70 mA. A solution of 5 pct perchloric acid in 95 pct acetic acid was used as the electrolyte.
The sheets were compared in terms of their ridging resistance by measuring the roughness profile in the transverse direction (TD) of tensile specimens prestrained 15 pct along the RD. Using a cutoff length of 2.5 mm, the ridging height R t was measured over spans of 10 mm in five different locations within the gauge length of specimens prepared according to the ASTM E8 standard. The surface roughness parameter R t is a measure of the maximum distance between the valleys and peaks over the sampling length.
A Bahr 805A/D pushrod dilatometer (Ba¨hr-Thermoanalyse GmbH, Hu¨llhorst, Germany) was used to estimate the high-temperature c-phase fraction based on the amount of martensitic dilatation according to a procedure explained elsewhere. [16] Specimens measuring 10 mm long were machined parallel to the ND from the midthickness of ingots hot rolled to a thickness of 30 mm in the first stage of the hot rolling. The specimens were soaked in the temperature range of 1123 K to 1473 K (850°C to 1200°C) for 2 minutes prior to quenching to 293 K (20°C). The high-temperature c-phase fraction was estimated based on the martensitic transformation-related dilatation. In the case of steels with a banded microstructure, dimensional changes associated with the phase transformations are known to be anisotropic, with exaggerated dimensional changes normal to the bands. [16] The extent of the martensitic Fig. 1 -Schematic of the simulated thermomechanical processing routes. HR and CR denote hot rolling and cold rolling, respectively. The equilibrium c-phase fraction change during hot rolling (hatched region) of a typical AISI 430 is also shown and compared schematically with the nonequilibrium fractions encountered in practice. dilatation anisotropy was assumed to be identical when analyzing the dimensional change of the three compositions in the current work. A Zeiss Ultra 55 scanning electron microscope (SEM) with a field emission type gun (Carl Zeiss NTS GmbH, Oberkochen, Germany) was used to observe the microstructure of etched specimens. It was also used for the EBSD measurements. Texture inhomogeneities are usually present through the thickness of the rolled products. EBSD measurements were performed on the full RD section of sheets to evaluate the effect of processing on the overall texture. In contrast, ridging is considered to be related to the texture in the midthickness plane of sheets. The midthickness ND planes of sheets were therefore also examined to identify the texture bands usually linked to ridging. To do so, rectangular areas extending 3.3 mm in the TD and 1.1 mm in the RD were scanned. Sample preparation for EBSD measurements consisted of SiC grinding, polishing to 0.25 lm diamond paste, and 40 minutes of colloidal silica polishing followed by a final ultrasonic cleaning stage.
An electron probe micro-analyzer (EPMA) was used to determine the elemental distribution of Al and study the AlN dissolution behavior in steel C. Specimens heat treated for 1 minute in the temperature range of 1173 K to 1473 K (900°C to 1200°C) were used in the EPMA studies. They were taken from ingots hot rolled to a thickness of 3 mm at the end of the hot rolling.
The specimens were etched either chemically or electrochemically to reveal the microstructural features in the SEM and optical microscope. Chemical etching was performed at room temperature in a modified Vilella's reagent with an increased concentration of HCl, and H 2 O 2 added as a catalyst (1 gr picric acid, 20 mL HCl, 100 mL ethanol, and 0.1 mL of H 2 O 2 ). Chemical etching time was less than 10 seconds. Electroetching was carried out in a solution of 60 pct HNO 3 and 40 pct H 2 O. The voltage was increased stepwise in the range of 3-5 V so as to obtain a current density of approximately 0.1 A/cm 2 . Electroetching time was typically 30 seconds. A Bruker X-ray diffractometer (D8 Advance; Bruker AXS GmbH, Karlsruhe, Germany) equipped with a Cu tube was used to measure the lattice parameter of the c-phase in the 1198 K to 1323 K (925°C to 1050°C) temperature range, using a step size of 0.02 deg and a dwell time per step of 0.1 seconds. Using an evacuated heating stage equipped with a radiation heater, specimens with a thermomechanical history identical to the dilatometry specimens were heated at an average heating rate of 0.5 K/s. The measurements were performed on planes normal to the TD in the 2h range of 42.4 deg to 45.1 deg. The lattice parameter was calculated on the basis of the (111) c peak position.
III. RESULTS
The temperature dependence of the equilibrium c-phase fraction, which was calculated by means of Thermo-Calc using the TCFE6 database (Thermo-Calc Software, Stockholm, Sweden) is shown in Figure 2 . The calculations predict that the maximum c-phase fraction in steel B is slightly higher than steel A. The maximum c-phase fraction for steel C is between that of steel A and steel B. The c-phase fraction of steel C is higher than that of the other two compositions at high temperatures. As shown in Figure 3 , this is related to the gradual dissolution of AlN in the steel C that proceeds at temperatures up to 1588 K (1315°C). Also shown in Figure 2 is the c-phase fraction of steel C when the AlN phase is excluded from the thermodynamic calculations. The higher solute N content of steel C in this case increases the c-phase fraction compared with the equilibrium phase fraction in the presence of AlN. Because of the low Al content of steels A and B, the amount of N that can be combined with Al is limited (<0.002 mass pct). Therefore, the solute N content of steels A and B can be assumed to be identical to the nominal N content.
The temperature dependence of the c-phase fraction for the different steels, estimated by means of the martensitic dilatation measurement in dilatometry, is shown in Figure 4 . The M s -M f temperature interval for stainless steels is typically less than 150 K. [17] Given that 443 K (170°C) was the lowest M s temperature measured for all intercritical annealing temperatures, the retained c-phase fraction is expected to be zero or negligible at 293 K (20°C), indicating that martensitic dilatations are proportional to the high-temperature c-phase fractions. The results in Figure 4 indicate a large deviation from the equilibrium profiles of Figure 2 especially in the case of steel C. Whereas the equilibrium calculations predict a sharp c -phase fraction profile because of the rapid drop of the c-phase fraction after the maximum, the dilatometry results indicate a broader c-phase profile, i.e., a less steep c-phase fraction profile after the maximum. Comparing the dilatometry results of steels A and B, not only do the interstitials increase the peak c-phase fraction, but they also tend to broaden the profile.
The profilometry results taken along the TD of prestrained tensile specimens are shown in Figure 5 . Regardless of the processing route, steels B and C are associated with the best and the worst ridging resistance, respectively. As for the effect of processing, the HCA-processed sheets exhibit a superior ridging resistance compared with their HACA counterparts. The microstructure before cold rolling of the HACA-processed sheets consisted of a homogenous a-phase matrix with embedded M 23 C 6 precipitates. In the HCA route, however, a banded microstructure consisting of untransformed a-phase and c-phase transformation products was cold rolled. For both HACA and HCA routes, AlN precipitates were also present in the microstructure of the steel C. The profilometry results suggest the beneficial effect of the presence of c-phase transformation products during cold rolling on the texture development during cold rolling and recrystallization annealing that follows.
The c-phase transformation products in the starting hot-rolled strips were found to consist of a-phase, M 23 C 6 carbides and, occasionally, a¢ martensite, as shown in the cross-sectional TEM micrographs of steel A shown in Figure 6 . Steel B was also found to have a microstructure comparable with that of steel A. Because of the low cooling rate after hot rolling, the c-phase present after the last hot rolling pass partially decomposes to a-phase and M 23 C 6 carbides at high temperatures. The remaining c-phase eventually transforms to a¢ martensite when the M s temperature is reached.
TEM micrographs of the hot-rolled strip of steel C are shown in Figure 7 . In contrast to the microstructure of steels A and B, which contains carbides less than 0.1 lm in size, the carbides in steel C were found to have a broader size distribution (Figure 7 (a) and (b)) with a large volume fraction of carbides exceeding 0.1 lm and sometimes up to 0.5 lm in size. These carbides were formed during the slow cooling to room temperature of the hot-rolled strip. The energy dispersive X-ray spectrometry (EDS) spectra of the matrix (P1 in Figure 7 (b)), a Cr-rich precipitate (P2 in Figure 7 (b)), and an Al-rich precipitate (P3 in Figure 7 (c)) are shown in Figure 7 (d).
Using selected area diffraction (SAD) analysis, the Crrich precipitates were found to have a face-centered-cubic (FCC) crystal structure with a lattice parameter of approximately 1.05 nm, i.e., within the reported values of 1.05-1.074 nm for the M 23 C 6 (M representing Cr and Fe) type carbides, [17] [18] [19] [20] [21] [22] which are commonly found in stainless steels. M 6 C (M representing Cr, Fe, and Mo) is another common carbide in the stainless steels with an FCC crystal structure and a lattice parameter of 1.085-1.128 nm, [18] [19] [20] [21] [22] which is slightly larger than that of the M 23 C 6 type carbides. There is evidence that M 6 C forms from M 23 C 6 when the Mo content of the precipitates increases. [17] Although M 23 C 6 and M 6 C have similar lattice parameters, they belong to different space groups (Fm3m for M 23 C 6 and Fd3m for M 6 C). This difference can be used for a more reliable discrimination of these carbides. Because of the crystal symmetry in the Fd3m space group, structure factor for the hk0 reflections with h + k " 4n is zero. Therefore, such reflections will be absent in the SAD pattern taken parallel to the [001] zone axis. [18] [19] [20] It must be noted that in SAD patterns taken from zone axes other than the [001], the forbidden reflections in the M 6 C may appear because of the multiple diffraction. The SAD pattern, which is parallel to the [001] crystal direction of the precipitate shown in Figure 7 (e), shows the presence of the {200} reflections. The carbides in the hot rolled strip microstructure are, therefore, M 23 C 6 -type carbides.
The Al-rich precipitates in the steel C were also analyzed by means of electron diffraction. The SAD pattern analysis of the precipitates shown in Figure 7 (f) and (g) confirms that it has a hexagonal close-packed crystal structure, with the a and c axes measuring approximately 0.31 nm and 0.50 nm, respectively. These values match closely the reported a and c values of the hexagonal wurtzite type AlN (a = 0.311 nm, c = 0.498). [23] [24] [25] It must be noted that the presence of the forbidden {001} reflections in the [100] zone axis SAD pattern of Figure 7 (f) is caused by the multiple diffraction.
EBSD orientation distribution functions (ODFs) obtained from the RD plane of sheets are shown in Figure 8 . They indicate a strengthening of a-fiber orientations, i.e., h110i//RD, at the expense of the c-fiber orientations, i.e., h111i//ND, and thus indicate a more random texture, when changing from a standard HACA processing to the HCA processing route. Figure 9 shows the ND and RD orientation maps and their corresponding ODFs, which were obtained from the midthickness ND plane of sheets. The texture banding parallel to the RD can be observed in all samples. However, the texture bands vary in type, width, and spacing from one sample to another.
IV. DISCUSSION

A. The c-Phase Fraction Evolution
The c-phase fraction in the transformable ferritic stainless steels is controlled mainly by the interstitial alloying element content. For example, the equilibrium calculations of Figure 2 demonstrate that in the absence of AlN, steel C, which has the highest interstitials content, shows the highest c-phase fraction, followed by steels B and A. In practice, however, AlN formation takes place readily in the transformable ferritic stainless steels. Microstructural examinations indicated the presence of the AlN even in the microstructure of the as-cast ingot and the hot-rolled strip of steel C. In the aluminum-killed carbon steels, which are hot rolled in the c-phase stability range, the AlN formation in the hot-rolled strip can be suppressed with relative ease by the combination of a high finish rolling temperature and a low coiling temperature. [26] Therefore, it is the coexistence of the a-phase and c-phase that accelerates the AlN formation in the transformable ferritic stainless steels.
AlN formation leads to a low solute N content. As N is a strong c-phase stabilizer, this will therefore increase the equilibrium c-phase start temperature A e1 and facilitate the carbide formation as evidenced by extensive carbide formation in the hot-rolled strip of steel C. The effect of N on the stability range of the c-phase is underestimated clearly in the Thermo-Calc equilibrium calculations. To check whether c-phase was present in equilibrium conditions at 1223 K (950°C), the hot strips of the three steels were annealed initially at 1093 K (820°C) for 5 hours to obtain a homogenous ferritic matrix with embedded M 23 C 6 precipitates. AlN was also formed in the case of steel C. Dilatometry specimens of the annealed hot strips were then held at 1223 K (950°C) for 10 minutes and quenched to 293 K (20°C). Whereas steels A and B were associated with a significant martensitic dilatation, no dilatation was observed in the steel C. The optical micrographs after the preceding procedure are shown in Figure 10 , which in accordance with the dilatation results, confirm the absence of a¢ formation in the steel C but a significant a¢ formation in the steels A and B. Therefore, the A e1 temperature of steel C must be above 1223 K (950°C), i.e., much higher than the A e1 temperature of 1143 K (870°C) predicted by Thermo-Calc (Figure 2 ).
It is well established that the dissolution of interstitials in the c-phase is associated with a lattice dilatation, which can be observed by means of the lattice parameter measurements. [27, 28] Variation with temperature of the c-phase lattice parameter is shown in Figure 11 for specimens heated at a rate of 0.5 K/s. Clearly, the lattice parameter of the c-phase in the steel C increases at a higher rate in comparison with the other steels. Therefore, in addition to the thermal dilatation of the lattice, there is another significant contribution to the measured lattice parameter of the steel C. The additional expansion is caused by the diffusion of more C and N atoms into the c-phase as a result of the gradual dissolution of carbides and nitrides. Accordingly, in contrast to the steel A and steel B, which show small variations in the Ms temperature after annealing for 2 minutes at temperatures above 1173 K (900°C), the Ms temperature of steel C constantly decreases in the range of 1173 K to 1323 K (900°C to 1050°C) as the C and N contents of the c-phase increases (Figure 12 ). The Ms temperatures in Figure 12 have been calculated using the method proposed by Koistinen and Marburger. [29] Fig. 10-Optical micrographs of the hot-rolled strips after 5 h of annealing at 1093 K (820°C) (<A e1 ) to obtain a homogenous ferritic microstructure containing precipitates, followed by holding at 1223 K (950°C) for 10 min and quenching to room temperature. The dark martensite is seen in the steels A and B only. (Chemical etching). To study the c-phase fraction evolution of steels in more detail, the instantaneous coefficient of thermal expansion (CTE), i.e., a derivative of the relative length change vs temperature, during continuous heating of dilatometry specimens at a rate of 10 K/s was plotted in Figure 13 (a). In the absence of any phase transformations, the instantaneous CTE simply reflects the weighted average CTE of the microstructural constituents. When a phase transformation is also involved, depending on the density difference between the parent and product phases and the fraction transformed, the instantaneous CTE will be influenced. The observed decrease in the instantaneous CTE of the investigated steels at approximately 1123 K (850°C) (marked A c1 , the c-phase start temperature on heating) is caused by the replacement of the c-phase transformation products, notably a-phase, by the more closely packed c-phase. In contrast to steels A and B that exhibit only a single abrupt decrease in the instantaneous CTE at approximately 1123 K (850°C), steel C shows a less significant decrease at approximately 1123 K (850°C), which is followed by a second small decrease in the temperature range of 1223 K to 1273 K (950°C to 1000°C). The discontinuity, which is the consequence of a second gradual increase in the austenite fraction, is likely related to the dissolution of carbides beginning in the indicated temperature range. SEM micrographs, after holding for 2 minutes of dilatometry specimens of steel C at 1223 K (950°C) and 1323 K (1050°C), corresponding to below and above the austenitization discontinuity, are shown in Figure 14(a) and (b) . The volume fraction of carbides, predominantly along the boundaries, is significantly smaller at 1323 K (1050°C) than at 1223 K (950°C). This finding confirms that the dissolution of boundary carbides is the primary cause of the discontinuity during austenitization of steel C. Therefore, the discontinuous austenitization behavior must disappear if specimens are initially treated at a temperature above the carbides dissolution temperature and reappear by making the carbides form again. This was investigated by performing the heat treatment cycle shown in Figure 13 (b) on dilatometry specimens of steel C and plotting the instantaneous CTE during heating steps marked 1st, 2nd, and 3rd. As shown in Figure 13 (c), the discontinuity observed during the 1st heating step disappears in the 2nd heating step. This is because the boundary carbides responsible for the discontinuous austenitization behavior dissolve during holding at 1473 K (1200°C). The specimen taken to 1473 K (1200°C) in the second heating step was quenched directly to 1073 K (800°C) and soaked for times of 10 and 30 minutes. This treatment causes carbides to form as the unstable c-phase transforms to ferrite and carbides. Figure 14(c) shows the microstructure of the specimen soaked for 10 minutes at 1073 K (800°C) prior to the third heating step. Stringers of carbides have again formed in the microstructure along certain boundaries. In the case of austenitic stainless steels containing d-ferrite phase, the precipitation of carbides has been reported to be fastest along the d/c boundaries. [30] Therefore, the boundaries containing carbides in Figure 14 (c) are likely the a/c phase boundaries and the grain boundaries. Instantaneous CTE during the third step heating of specimens treated at 1073 K (800°C) for 10 and 30 minutes is shown in Figure 13 (c). After an annealing time of 10 minutes, the austenitization during the third heating step takes place discontinuously. When the holding time is increased to 30 minutes, however, the austenitization is observed to take place in a continuous manner but at a temperature much higher than 1123 K (850°C). In the former case, the c-phase taken to 1073 K (800°C) does not fully decompose to ferrite and carbides at the end of the 10-minute cycle as evidenced by martensitic transformation related dilatation during cooling to room temperature. Therefore, the reversion to the c-phase of the C-enriched martensitic regions takes place at a temperature close to 1123 K (850°C) during the third heating step. This occurs even though the formation of fine carbides within the a¢ martensite substructure is a fast process [31] and will likely precede the c-phase reversion during the third heating step. The justification for this would be the Gibbs-Thomson effect, which tends to increase the Gibbs free energy and therefore the solubility limit of fine precipitates. [32] Therefore, the solubility limit of the fine carbides nucleating in the martensite would be higher than the solubility limit of the coarse carbides present in the boundaries. When the soaking time at 1073 K (800°C) is increased to 30 minutes, the c-phase fully decomposes to ferrite and carbides and no martensitic transformation related dilatation is measured on cooling to room temperature. As a consequence of the absence of C-enriched martensitic regions in this case, the first austenitization step occurring at about 1123 K (850°C) is eliminated and the c-phase reversion takes place at a higher temperature of about 1243 K (970°C), as the coarse boundary carbides start to dissolve. These findings are in agreement with the observation of no cphase formation after soaking at 1223 K (950°C) of steel C with a microstructure composed of a AlN, and coarse carbides (Figure 10(c) ).
The gradual dissolution of AlN is yet another contribution to the relatively flat c-phase fraction profile of steel C, which tends to become dominant at temperatures higher than the austenitization discontinuity because of the carbides dissolution. According to the EPMA elemental maps of Al shown in Figure 15 , there is a significant drop in the AlN fraction of steel C as the annealing temperature increases from 1373 K (1100°C) to 1473 K (1200°C). Below 1373 K (1100°C), however, the change in the volume fraction of AlN precipitates is not noticeable, indicating that carbides dissolution must be the main reason for the previous observations concerning the higher rate of c-phase lattice expansion in steel C, based on the hot-stage X-ray diffraction (XRD) results of Figure 11 . Similarly, the large decrease in the M s temperature of steel C dilatometry specimens in the intercritical annealing temperature range of 1173 K to 1323 K (900°C to 1050°C) ( Figure 12 ) must be dominated by the dissolution of M 23 C 6 carbides rather than the AlN nitrides.
B. Texture Bands Observation
The as-cast columnar grains, which are present in the outer sections of ingots, are known to be more susceptible to ridging than the central equiaxed grains. [1, 5] Nevertheless, the texture bands responsible for ridging are more likely to be present in the midthickness plane of rolled sheets, [1] [2] [3] 9, 15] where plane strain deformation is dominant during hot rolling. The reason might be the dominance of shear deformation in the subsurface sections during hot rolling, which generates a higher dislocation density and, thus, a higher driving force for dynamic recrystallization. [33] In the current work, there was no clear correlation between the ridging height results of Figure 5 and the midthickness plane microtexture results of Figure 9 . Texture banding was observed for the three steels in all conditions. The type and the geometrical arrangement of the bands, however, were found to vary from one sample to another. Comparing steels B and C which are associated with the best and the worst ridging resistance in the HACA route, texture banding is more noticeable in the case of steel B. However, the bands in the HACAprocessed steel B have more crystallographic diversity compared with the bands in steel C. For instance, the clear bands of h100i//RD oriented grains, which are shown in red in the RD crystal direction map of the midthickness plane of steel B, are entirely absent in steel C.
Midthickness plane EBSD scans can be of use for the qualitative assessment of the ridging resistance when the difference in the ridging resistance of different conditions is high. However, through-thickness texture inhomogeneities usually exist in the rolled products that tend to reduce the accuracy of the models making use of the midthickness plane grain orientation information only. Therefore, the most promising approach for the estimation of ridging resistance from the EBSD orientation maps would be to perform three-dimensional scans, followed by the implementation of the grain orientation data into a crystal plasticity model.
C. Effect of the Processing Route on the Ridging Resistance
The profilometry results of Figure 5 indicate the superior ridging resistance of steels associated with the HCA route compared with their HACA counterparts. This suggests the beneficial effect, during cold rolling, of the presence of c-phase transformation products on the breakdown of undesirable grain colonies responsible for ridging. The grain colonies are more likely to be in the untransformed a-phase where the dynamic recrystallization during hot rolling is limited and recovery is the principal restoration mechanism. [34] The presence of bands of relatively hard c-phase transformation products during cold rolling acts as a means of breaking up the unfavorably oriented grain colonies and results in an effective texture randomization after recrystallization. This observation is clearly evidenced by a higher fraction of a-fiber oriented grains and a weaker c-fiber texture in the strip obtained by the HCA route. Ridging in ferritic stainless steels is known to occur when low r-value texture bands with orientations other than the c-fiber are embedded in a high r-value matrix with texture components belonging to the c-fiber. [35] Therefore, a lower fraction of c-fiber grains in the matrix decreases the r-value difference between the bands and the matrix. This can be an additional contribution to the higher ridging resistance of strips processed by the HCA route compared with the HACA route.
D. Effect of the Composition on the Ridging Resistance
When AISI 430 stainless steel is hot rolled in the a + c dual-phase stability range, the c-phase, which has a higher strength than the a-phase, [36, 37] accommodates less strain than the externally applied strain. The a-phase, on the other hand, undergoes more strain than when a fully ferritic microstructure, e.g., a nontransformable ferritic stainless steel grade, is deformed. The higher strains and strain rates in the ferrite can promote the dynamic recrystallization and the breakdown of the grain colonies in the a-phase. Furthermore, the transformed regions of the microstructure are less likely to contribute to ridging because the phase transformation acts as an effective means of texture randomization. These two are the main mechanisms that lead to the superior ridging resistance of the transformable grades of ferritic stainless steel compared with the nontransformable types. [35, 38] The steels used in the current study were all hot rolled in a a + c dual-phase region where the c-phase fraction and its evolution play an important role. The relative ridging resistance of different compositions is maintained in both processing routes with the compositions B and C showing the smoothest and the roughest surfaces after straining, respectively. A direct relationship is found between the high-temperature c-phase fraction and the ridging resistance of the steels A and B. Steel B, which has a higher c-phase fraction than steel A, according to both equilibrium calculations and dilatometry, also shows a higher resistance to ridging. In contrast, steel C has roughness values considerably higher than the other two compositions despite its relatively high-equilibrium c-phase fractions. The temperature dependence of the c-phase fraction of steel C, as determined by dilatometry (Figure 4) , indicates a large deviation from the thermodynamic equilibrium calculations shown in Figure 2 . The martensitic dilatation results show that the c-phase fraction of steel C increases gradually up to a temperature of 1323 K (1050°C), above which it remains constant. This specific temperature dependence of c-phase fraction will result in the presence of a high fraction of hard c-phase in the initial stage of hot rolling and a low c-phase fraction during the final passes. As discussed previously, a small c-phase fraction during hot rolling is not desirable in view of the ridging resistance. Prior to hot rolling, however, ingots are usually reheated to temperatures of approximately 1473 K (1200°C). The c-phase fraction during hot rolling will therefore be estimated more realistically when the dilatometry samples are soaked at 1473 K (1200°C) prior to being cooled to the annealing temperature. Initial soaking of the dilatometry samples at 1473 K (1200°C) for 2 minutes resulted in a significant increase in the martensitic dilatation for steel C at temperatures below 1323 K (1050°C), as shown by open circles in Figure 4 . This is mainly because of the dissolution, during the anneal at 1473 K (1200°C), of carbides and nitrides present in the starting microstructure. The increased solute nitrogen and carbon content of the c-phase as a result of initial soaking at 1473 K (1200°C) adds to its stability and prevents its decomposition during the hot-rolling passes below 1323 K (1050°C). The low ridging resistance of the steel C can, therefore, not be ascribed to the small c-phase fraction during the final hot-rolling passes.
As shown in the dilatometry results, one difference between steel C and the other steels is that it has a high fraction of c-phase at the ingot soaking temperature of 1473 K (1200°C). This results in the limited formation of additional c-phase during the hot rolling and restricts the chances of nucleation of c-phase in the untransformed a-phase bands. In the case of steels A and B, however, the c-phase fraction at 1473 K (1200°C) is low and approximately 20 pct of the c-phase is formed during the rolling. As a result, new c-phase islands form in deformed a-phase during the hot rolling. Multiple nucleation sites are available for newly formed c-phase in the deformed a-phase because the ingot soaking temperature of 1473 K (1200°C) ensures a homogenous a + c dual-phase microstructure. This results in a rather uniform distribution of c-phase islands in the ferritic matrix of steels A and B. The nucleation of c-phase in the untransformed a-matrix is desirable in view of the ridging resistance. The slightly superior ridging behavior of steel B compared with steel A can also be attributed to its higher c-phase fraction during the hot rolling. Figure 16 shows light optical micrographs of the steels after hot rolling of 200-mm-thick ingots to a thickness of 30 mm followed by fast cooling. The hightemperature c-phase, which transforms to the a¢ martensite observed at room temperature, has a dark contrast. Based on the micrographs, it is not possible to distinguish clearly between the c-phase regions present at the ingot soaking temperature and those formed later during the hot rolling. However, the finedispersed a¢ martensite islands, noticeable in the ferritic matrix of steels A and B only, are believed to have formed from the high-temperature c-phase nucleated during the hot rolling.
The difference discussed in the preceding paragraph can be observed readily after homogenization annealing, for 5 hours, of the 3-mm-thick hot strips at 1093 K (820°C). This leads to a microstructure consisting of carbides (and AlN in the case of the steel C) and a homogenous ferritic matrix. Carbides preferably form in the carbon-rich regions, i.e., in the c-phase transformation products. This is shown clearly in Figure 17 , which compares the light optical micrographs of the homogenized hot-rolled microstructure of steels A, B, and C. Precipitate-free bands are observed in the case of the steel C only. Steels A and B have a rather uniform distribution of precipitates. The precipitate-free regions in the steel C correspond to the a¢-free bands of ferrite in Figure 16 . In the case of steels A and B, the homogenous distribution of fine a¢ islands in the ferrite reduces the distance between the alternate a¢ bands and leads to a more uniform distribution of favorable sites for the nucleation of carbides.
In 430-type steels, the afic transformation may compete with the recrystallization in the a-phase during hot rolling. Hot rolling in the afic transformation range has, therefore, been connected with a more pronounced ridging. [39] The current work, however, suggests that the composition with the highest c-phase fraction at the ingot soaking temperature and the lowest afic transformation during hot rolling exhibits a more severe ridging. This finding implies that the beneficial effect of c-phase formation in the untransformed a-phase outweighs its detrimental effect from retarding the dynamic recrystallization in the a-phase.
Hot deformation is known to accelerate the precipitation of carbides and nitrides in the microalloyed steels by introducing dislocations that can act as favorable nucleation sites for their precipitation. [26, 40] If the precipitates are very fine, then they can inhibit the dynamic recrystallization by the pinning action of the precipitates on the subgrain boundaries. Strain-induced formation of AlN could therefore be an additional detrimental mechanism leading to the low ridging resistance of steel C.
E. Alloy Design for a Reduced Ridging
The microstructural evolution of two hypothetical steels denoted 1 and 2, with c-phase fraction profiles shown in Figure 18 , is illustrated schematically in Figure 19 . Whereas steel 2 shows a clear sharp peak c-phase fraction, steel 1 has a flat c-phase fraction profile. The initial as-cast microstructure is assumed to be the same in both steels and consists of dark a¢ martensite islands in a light ferritic matrix (Figure 19(a) ). The c-phase fraction is, however, larger for the steel 1 at the ingot soaking temperature (Figure 19(b) ) because of a higher solute interstitials content that tends to broaden the c-phase fraction profile and thereby maintain a high c-phase fraction. Steel 2, on the other hand, does not develop a large c-phase fraction (Figure 19(e) ) at the ingot soaking temperature because of its lower interstitials content. In the early stage of hot rolling, the c-phase fraction in the steel 2 increases significantly and new c-phase islands nucleate in the untransformed ferritic matrix (Figure 19(f) ). In contrast, no new c-phase islands nucleate in the ferritic matrix of steel 1 (Figure 19(c) ), as the c-phase fraction was already at its maximum value at the ingot soaking temperature. As discussed in Section IV-A, this is close to the situation where Al is present in the composition of high interstitial steels such as steel C in the current work. This fundamental difference between the two scenarios leads to a uniform distribution of c-phase (a¢ at room temperature) in the steel 2 at the end of hot rolling (Figure 19(g) ), whereas steel 1 contains relatively large regions of untransformed ferrite (Figure 19(d) ). After homogenization annealing of the microstructures shown in Figure 19(d,g) , steel 2 will exhibit a uniform distribution of precipitates whereas precipitate-free bands will be observed in the case of steel 1. This was demonstrated, with real microstructures, in Figure 17 .
To obtain a good ridging resistance in the high interstitial steels containing Al, such as steel C in the current study, ingot-soaking temperatures must be high enough to ensure a low c-phase fraction and full dissolution of AlN. This ensures the nucleation of a large fraction of c-phase in the untransformed a-phase and a superior ridging resistance.
V. CONCLUSIONS
The effects of the thermomechanical processing and chemical composition on the ridging resistance of the AISI 430 transformable ferritic stainless steel were studied. The main conclusions of the present work are as follows:
1. Cold rolling of the as-hot rolled strip with a banded microstructure composed of a-phase and c-phase transformation products (a, M 23 C 6 , and a¢) results in an improved ridging resistance compared with the cold rolling of a annealed hot-rolled strip with a homogenous microstructure of a + M 23 C 6 . The presence of hard c-phase transformation products during cold rolling facilitates the breakdown of untransformed a-phase grains elongated in the rolling direction and reduces the likelihood of formation of texture bands with similar orientations after recrystallization of untransformed a-phase regions.
2. The presence, during hot rolling, of the c-phase, which has a higher strength than the a-phase at high temperatures, is beneficial to the ridging resistance. The higher strains and strain rates applied to the a-phase, as a result of the presence of the c-phase, will promote its dynamic recrystallization and improve the ridging resistance. 3. Not only the c-phase fraction but also its evolution during hot rolling plays an essential role in the development of ridging. A small c-phase fraction at the ingot soaking temperature that increases considerably in the early stage of hot rolling is desirable. The c-phase fraction profile for the steels with high interstitials is relatively broad. Therefore, the ingot-soaking temperature in such cases must be increased accordingly to ensure a small c-phase fraction. 4. Al addition to the AISI 430 leads to the AlN formation and a higher stability of the M 23 C 6 carbides. This will significantly increase the A e1 temperature and decrease the c-phase fraction. The flatter c-phase fraction profile obtained in this case and the smaller c-phase fraction will reduce the ridging resistance. In such cases, it is advisable to soak the ingots at temperatures corresponding to a low c-phase fraction, which is also high enough to achieve the full dissolution of M 23 C 6 and AlN. 5. Because of the through-thickness texture inhomogeneities, it is difficult to correlate the ridging resistance to the midthickness plane EBSD data only. The most promising approach for the estimation of ridging resistance from the EBSD orientation maps would be to perform three dimensional scans, followed by the implementation of the grain orientation data into validated crystal plasticity models.
